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Introduction

Titanium alloys are used in a wide range of domains requiring high mechanical strength and low density. The Ti-6Al-4V alloy is the most used composition of these alloys for aerospace and aeronautic applications. Ti-6Al-4V alloys are two-phase / alloys whose microstructure can be fully nodular, fully lamellar or duplex depending on thermo-mechanical treatments.

Mechanical properties of these alloys are mainly due to the majority volume fraction phase that is the h.c.p.  phase. The predominant slip systems in  phase consist of a-type Burgers vector dislocations gliding in the basal (0001) or prismatic planes [START_REF] Bridier | Analysis of the different slip systems activated by tension in a α/β titanium alloy in relation with local crystallographic orientation[END_REF][START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF][START_REF] Zaefferer | A study of active deformation systems in titanium alloys: dependence on alloy composition and correlation with deformation texture[END_REF]. As in pure -titanium, the main parameter responsible for the mechanical strength of these alloys was shown to be the three-dimensionally spread core structure of a-type screw dislocations that reduces their mobility [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF][START_REF] Naka | The plasticity of titanium at low and medium temperatures[END_REF][START_REF] Farenc | An in situ study of prismatic glide in α titanium at low temperatures[END_REF][START_REF] Bacon | Atomic-Scale Modeling of Dislocations and Related Properties in the hexagonal-Close-Packed Metals[END_REF][START_REF] Aoki | Atom-based bond-order potentials for modelling mechanical properties of metals[END_REF][START_REF] Douin | Direct measurement of the variation in the energy of a dislocation locked in specific orientations[END_REF]. When a stress is applied, the core of screw dislocations has to recombine in a different metastable and glissile core structure in order to allow dislocations to slip. The transition between these two core configurations leads thus to a high lattice friction stress. On the other hand, the / interfaces in lamellar colonies have generally a minor role in the strengthening in comparison with the core structure of screw dislocations [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF][START_REF] Suri | Room temperature deformation and mechanisms of slip transmission in oriented single-colony crystals of an α/β titanium alloy[END_REF][START_REF] Savage | Anisotropy in the room-temperature deformation of α-β colonies in titanium alloys : role of the α/β interface[END_REF][START_REF] Castany | In situ transmission electron microscopy deformation of the titanium alloy Ti-6Al-4V: Interface behaviour[END_REF]. This weak effect is due to the orientation relationship between the  and  phases that allow easily dislocations to cross these / interfaces. Short-range order (SRO) is also another possible source of the mechanical strength of Ti-6Al-4V alloys, but very few studies deals with this point in industrial alloys. SRO was specifically evidenced to have an effect on 112 0 1 1 00
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mechanical strength of binary Ti-Al model alloys with similar compositions of the  phase of Ti-6Al-4V. For example, the existence of SRO provides a significant strengthening in a Ti-6Al (at.%) during creep tests at room temperature [START_REF] Neeraj | Short-range order (SRO) and its effect on the primary creep behavior of a Ti-6wt.%Al alloy[END_REF]. SRO was evidenced from neutron diffraction in this alloy [START_REF] Neeraj | Low temperature creep of titanium alloys: microstructure, deformation mechanisms and modeling[END_REF], but can also be detected from the dislocation arrangement after deformation by Transmission Electron Microscopy (TEM): indeed, when there is SRO, the deformation becomes more heterogeneous with dislocations pile-ups with sometimes paired dislocations at the head of pile-ups as previously observed in Ti-6Al [START_REF] Neeraj | Short-range order (SRO) and its effect on the primary creep behavior of a Ti-6wt.%Al alloy[END_REF][START_REF] Neeraj | Phenomenological and microstructural analysis of room temperature creep in titanium alloys[END_REF] or Ti-5Al [START_REF] Xiao | Planar dislocation bands formed in Ti-5at.%Al single crystals deforming by double prism slips[END_REF] binary titanium alloys (at.%). In other -titanium alloys, observation of pile-ups is also sometimes attributed to the presence of SRO even if this feature is just mentioned and not investigated [START_REF] Ambard | Role of interphases in the deformation mechanisms of an α/β titanium alloy at 20 K[END_REF][START_REF] Odegard | Low Temperature Creep of Ti-6Al-4V[END_REF][START_REF] Truax | Plastic behaviour of titanium-aluminium alloys[END_REF]. Else, the presence of ordered  2 (Ti 3 Al) nanoprecipitates in Ti-alloys has been mentioned in the literature and attributed to solute partitioning in primary  grains, as well as their detrimental effects on fracture toughness and low cycle fatigue [START_REF] Rosenberg | Titanium alloying in theory and practice[END_REF][START_REF] Hardt | High-temperature fatigue damage mechanisms in nearα titanium alloy IMI 834[END_REF][START_REF] Kumar | Evolution of damage in near α IMI-834 titanium alloy under monotonic loading condition: A continuum damage mechanics approach[END_REF].

Recently, this precipitation has been investigated in details by Radecka et al. using TEM and atom probe tomography. In their case, superlattice diffraction spots are clearly visible in the  phase [START_REF] Radecka | Precipitation of the ordered α 2 phase in a near-α titanium alloy[END_REF].

Contrarily to SRO in -titanium alloys, SRO was extensively studied in Ni-based superalloys.

In theses alloys, the SRO is described as nano-sized diffuse domains that lead to a high friction impeding the glide of isolated dislocations [START_REF] Pettinari | Local order in industrial and model γ phases of superalloys[END_REF]. Generally, a pair of dislocations propagates at the head of pile-ups [START_REF] Pettinari | Local order in industrial and model γ phases of superalloys[END_REF][START_REF] Pettinari-Sturmel | Characterisation of short-range order using dislocations[END_REF]. A strong difference between SRO and long rang order (LRO) precipitates, on a "dislocation point of view", is that LRO precipitates need several paired dislocations to be sheared and, when they are totally sheared, individual dislocations can glide in the plane that contained theses precipitates [START_REF] Glas | Order and mechanical properties of the γ matrix of superalloys[END_REF]. Several pairs of dislocations gliding on the same plane are thus a signature of ordered precipitates, whereas a unique pair at the head of pile-ups corresponds to SRO. In addition, in the electron diffraction patterns, the presence of LRO is associated with superlattice spots whereas SRO not.

The aim of this paper is to contribute quantitatively in the understanding of SRO in Ti-6Al-4V alloys and its effects on the mechanical strengthening and dislocations arrangement via in situ TEM straining experiments.

Experimental

The material of this study is an industrial Ti-6Al-4V alloy with a duplex microstructure composed of primary alpha nodules  P and lamellar colonies  S /(Fig. 1). The nodules and lamellar colonies have roughly the same size of about 10 µm and similar volume fractions.

The b.c.c  phase is found mainly is lamellar colonies with a total volume fraction of about 3% [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF][START_REF] Castany | In situ transmission electron microscopy deformation of the titanium alloy Ti-6Al-4V: Interface behaviour[END_REF]. Because no effect of short-range order was evidenced in secondary alpha plates S in lamellar colonies, this paper focus on primary alpha nodules P .

Specimens for in situ TEM straining experiments were first mechanically polished and then thinned down by twin-jet electropolishing at a temperature of -15°C. The electrolyte used was the A3 solution commercialized by STRUERS. TEM post mortem observations were also performed in order to compare in situ results with the microstructure of samples deformed macroscopically in tension.

In situ experiments were performed at room temperature with a Gatan straining holder in a 200 kV JEOL 2010 TEM equipped with a SIS CCD camera for video-rate recording.

Burgers vectors of dislocations were determined by the g.b=0 invisibility criterion and slip planes were characterized by the analysis of slip traces left on the surfaces of specimens during in situ straining experiments. All measurements of distances between dislocations were corrected to take in account the tilt of the slip planes into which dislocations are gliding. As theses measurements were done during in situ experiments on moving dislocations, the accuracy of measurement is lower than for conventional TEM observations. Depending on the measurement, the accuracy is then of about 10-20%.

Results

All moving dislocations observed during in situ straining experiments have a-type Burgers vectors and glide mainly in prismatic or basal planes depending on the crystallographic orientation of the primary  P nodule observed. Cross-slip is rarely observed contrarily to previous experiments performed in the  phase of lamellar colonies [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF]. An example of the typical motion of dislocations in a  P nodule is shown in Fig. 2. The projection of their Burgers vector is indicated by the line labelled "b". Dislocations appear clearly to glide paired: two dislocations, numbered 1 and 2, glide together in a correlated way across the grain. Screw segments remain roughly straight and move together, as well as curved nonscrew segments. Non-screw segments have a relatively steady motion, whereas straight screw segments have a more jerky motion as observed previously in the  phase of lamellar colonies of the same alloys [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF]. All dislocations in this grain glide in the same set of prismatic planes whose trace is indicated in Fig. 2b. Slip traces are rigorously straight indicating that cross-slip does not occur. Fig. 3 shows the same grain under different diffracting conditions after in situ straining: almost all dislocations remain paired even when the stress is removed. Paired dislocations are also observed for basal slip. For example, two pairs of dislocations, numbered 1 and 2 in Fig. 4, has a correlated motion for their screw segments as well as non-screw ones.

The distance separating both paired dislocations varies during their motion during in situ experiments: an example is given in Fig. 5 wherein the spacing between paired dislocations is reported as a function of the average position of a pair of dislocations gliding in prismatic (Fig. 5a) or basal plane (Fig. 5b). The average values taken from several pairs are summarized in Table 1: this spacing is almost independent of the slip plane and is larger for edge segments than for screw segments. The values measured after in situ straining experiments are also reported in Table 1 with a relative uncertainty of about 20% as the measurements have been performed on dynamic sequences. This shows that the spacing remains constant after the stress is removed for screw segments and slightly decreases for edge segments.

The measurement of velocities of paired dislocations moving under stress during in situ straining shows that the screw segments move almost twice slower than edge segments (Table 2). In the prismatic plane, both edge and screw segments moves faster than in basal plane.

This difference is most probably due to a different stress depending on the experiment. But, as the ratio between the velocities of edge and screw segments is exactly the same whatever the experiment, one can deduce that the velocity is independent of the slip plane.

In some  P nodules, dislocations form large pile-ups instead of single pairs of dislocations.

Such pile-ups are due to Frank-Read sources operating inside the grains. An example is given in Fig. 6, where a mobile segment rotates around an anchoring point (arrowed in the second frame). At t=0s, four screw segments are numbered 1, 2, 3 and 4. The segment numbered 4 is mobile and rotates around the anchoring point of the source. On the next frame of the recorded video, at t=0,04s, the segment numbered 4 has rotated and is moving quickly toward the right (that is why it is invisible in this frame). After this rotation, the new segment rotating around the anchoring point is numbered 5. In the last image, the segment numbered 4 is visible and the segment numbered 5 has made another rotation leaving a new screw segment toward the left and the right of the source. At the head of this pile-up, the two first dislocations are clearly paired whereas further dislocations not (Fig. 7). Contrarily to the paired dislocations presented in Fig. 2 or Fig. 4, only screw segments can be observed here because non-screw segments move almost immediately out of the specimen. The slip traces in Fig. 6 correspond to a prismatic plane. After this source has generated several tens of dislocations, some dislocations cross-slip to a first-order pyramidal plane, that is highlighted by a change in the orientation of the slip traces (Figure 8).

Observations of specimens after macroscopic tensile tests up to 0.3% of plastic strain are reported in Fig. 9. Dislocations arrangements are very similar to the previous in situ observations: in some nodules, dislocations appear to be paired (pairs numbered 1, 2 and 3 in Fig. 9a) whereas in other nodules, dislocations form large pile-ups (Fig. 9b). Dislocations in Fig. 9 have a-type Burgers vectors. In situ observations are thus consistent with the behaviour of dislocations during the macroscopic deformation.

Discussion

In all nodules observed, moving dislocations have a-type Burgers vectors and glide in basal or prismatic planes that are the main slip systems in -titanium alloys [START_REF] Bridier | Analysis of the different slip systems activated by tension in a α/β titanium alloy in relation with local crystallographic orientation[END_REF][START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF][START_REF] Zaefferer | A study of active deformation systems in titanium alloys: dependence on alloy composition and correlation with deformation texture[END_REF][START_REF] Savage | Deformation mechanisms and microtensile behavior of single colony Ti-6242Si[END_REF]. The activated slip systems during in situ straining experiments follow the Schmid law according to previous studies [START_REF] Bridier | Analysis of the different slip systems activated by tension in a α/β titanium alloy in relation with local crystallographic orientation[END_REF], i.e.:

-basal slip is only observed when prismatic slip systems have lower Schmid Factors (example in Fig. 4); -prismatic slip is activated even if basal or pyramidal slip systems have similar Schmid factors (examples in Fig. 2 and Fig. 6).

Cross-slip is only observed in large pile-ups when several tens of dislocations are piled-up (Fig. 8). In this specific configuration, the Schmid factors of both prismatic and pyramidal planes are the same, allowing cross-slip. However, cross-slip begin only when dislocations are impeded to glide in their initial prismatic plane because of the relatively high density of previous dislocations in this plane. This observation is in contrast with previous observations in the  phase in lamellar colonies of the same alloy wherein multiple cross-slip frequently occurs leading to wavy slip traces [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF]. Moreover, in nodules, cross-slip is never observed when dislocations are paired and the slip traces are straight for paired dislocations and pileups. Cross-slip is thus not as frequent in  P nodules than in lamellar colonies. In -titanium alloys, inhibition of cross-slip is frequently attributed to the presence of short-range order (SRO) that leads to a heterogeneous deformation constituted of dislocations pile-ups [START_REF] Neeraj | Short-range order (SRO) and its effect on the primary creep behavior of a Ti-6wt.%Al alloy[END_REF][START_REF] Neeraj | Phenomenological and microstructural analysis of room temperature creep in titanium alloys[END_REF][START_REF] Xiao | Planar dislocation bands formed in Ti-5at.%Al single crystals deforming by double prism slips[END_REF].

Classically, at least one pair of dislocations has to glide at the head of pile-ups in the presence of SRO because of the influence of the chemical fault that formed after the passage of a first dislocation. In alloys wherein SRO is clearly identified such as Ni-based superalloys, pairs of dislocations lie at the head of pile-ups, which mainly contain numerous dislocations [START_REF] Pettinari-Sturmel | Characterisation of short-range order using dislocations[END_REF][START_REF] Olfe | Dislocation groups, multipoles, and friction stresses in alpha-CuZn alloys[END_REF][START_REF] Gerold | On the origin of planar slip in f.c.c. alloys[END_REF][START_REF] Schwander | Configurational energy change caused by slip in short-range ordered Ni-Mo[END_REF][START_REF] Plessing | Short-range order and the mode of slip in concentrated Cu-based alloys[END_REF]. In titanium alloys, a few studies have reported the presence of such pairs in a binary Ti-6Al alloy [START_REF] Neeraj | Short-range order (SRO) and its effect on the primary creep behavior of a Ti-6wt.%Al alloy[END_REF][START_REF] Neeraj | Phenomenological and microstructural analysis of room temperature creep in titanium alloys[END_REF] wherein SRO was evidenced from neutron diffraction [START_REF] Neeraj | Low temperature creep of titanium alloys: microstructure, deformation mechanisms and modeling[END_REF].

As a unique pair of dislocations at the head of pile-ups has been observed during our experiments (Fig. 7), and no superlattice diffraction spot has been identified, it can be unambiguously attributed to the presence of SRO in  nodules. After the glide of the leading pair of dislocations, the SRO is sufficiently destroyed to allow single dislocations to glide in the same slip plane. The slip plane is then softened and further dislocations can glide more easily in this plane (without being paired) than in another slip planes leading to a heterogeneous deformation. If an intragranular source is activated, several dislocations can thus glide in this softened plane and lead to the formation of large pile-ups (Fig. 6). However, if no intragranular source is activated, no pile-ups are formed (Fig. 2 and Fig. 4) in spite of the presence of SRO. Thus, only a unique pair of dislocations is observed to glide in a correlated way. The presence of such pairs is also due to the presence of SRO because, if there is no SRO, only isolated dislocations should be observed. This unique feature, never observed previously, occurs when intragranular sources are not activated in nodules that deformed by dislocations emitted from / interfaces. Emission from / interfaces was frequently observed in lamellar colonies of the same alloy [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF], but only single dislocations are emitted in lamellar colonies instead of pairs like in nodules. This difference in dislocation behaviour between the primary nodules and the  secondary phases may be attributed to the difference in SRO (presence or not), which is directly connected with a slight difference in Al content.

An attempt was made to identify any difference in chemical composition between the primary nodules and the  secondary ones using Electron Energy Loss Spectroscopy, but the difference has not been detectable, meaning this difference is very low. But there could be one as the precipitation of the  phases appear at different step during the thermomechanical elaboration process.

In pile-ups, dislocations are only of screw character that is due to their specific core structure that lowers the mobility of screw segments in comparison with non-screw ones [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF][START_REF] Naka | The plasticity of titanium at low and medium temperatures[END_REF][START_REF] Farenc | An in situ study of prismatic glide in α titanium at low temperatures[END_REF][START_REF] Bacon | Atomic-Scale Modeling of Dislocations and Related Properties in the hexagonal-Close-Packed Metals[END_REF][START_REF] Aoki | Atom-based bond-order potentials for modelling mechanical properties of metals[END_REF][START_REF] Douin | Direct measurement of the variation in the energy of a dislocation locked in specific orientations[END_REF]. A consequence is that non-screw segments move quickly out of the specimen during in situ TEM straining [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF][START_REF] Farenc | An in situ study of prismatic glide in α titanium at low temperatures[END_REF]. In lamellar colonies of the same alloy, non-screw segments was estimated to glide at least 100 times faster than screw segments [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF]. A similar feature is observed for dislocations forming pile-ups in  P nodules (Fig. 6) that suggests the presence of SRO in these nodules does not affect the velocity and the behaviour of dislocations in comparison with lamellar colonies except the formation of pile-ups. However, in nodules that deform with single pairs of dislocations (Fig. 2 and Fig. 4), the situation differs because nonscrew segments are measured to glide only about 2 times faster than screw segments (Table 2). In these nodules, the presence of SRO affects significantly the motion of non-screw segments. On the other hand, the motion of screw dislocations seems not greatly influenced by the presence of SRO and their motion is still mainly controlled by their core structure. This result suggests that there is some fluctuation of SRO depending on each nodule. Such micrometer-scale fluctuations of SRO were already observed in Ni-based alloys [START_REF] Pettinari-Sturmel | Characterisation of short-range order using dislocations[END_REF]. This difference of microstructure of deformation (pile-ups or single pairs of dislocations) is also observed in macroscopically deformed specimens (Fig. 9).

In this Ti-6Al-4V alloy, there is strong differences in the behaviour of dislocations depending on whether they glide in  P nodules or in  phase of lamellar colonies (see Ref. [START_REF] Castany | Experimental study of dislocation mobility in a Ti-6Al-4V alloy[END_REF] for results in lamellar colonies):

-pile-ups or pairs of dislocations in nodules instead of single dislocations in lamellar colonies;

-very rare cross-slip in nodules (straight slip traces) instead of extensive cross-slip in lamellar colonies (wavy slip traces);

-ratio between edge and screw segment velocities of about 2 in nodules (with dislocations pairs) instead of more than 100 in lamellar colonies.

These characteristics show unambiguously that the presence of SRO is only significant in nodules. In the  phase of lamellar colonies, there is most probably no SRO or, if there is, its magnitude is too weak to have any effect on the behaviour of dislocations. This difference in SRO can only be due to a slight difference in the chemical composition of the  phase in lamellar colonies and in nodules. Indeed, it is well known that in such duplex microstructure, an alloying element partitioning can take place leading to a enrichment of  stabilizing elements in nodules to the detriment of lamellar colonies [START_REF] Lütjering | Titanium[END_REF]. In Ti-6Al-4V alloys,  stabilizing elements are aluminium and oxygen that are both able to order: in binary Ti-Al alloys, SRO is due to the ordering of aluminium atoms [START_REF] Neeraj | Short-range order (SRO) and its effect on the primary creep behavior of a Ti-6wt.%Al alloy[END_REF][START_REF] Neeraj | Phenomenological and microstructural analysis of room temperature creep in titanium alloys[END_REF][START_REF] Lienert | In situ single-grain peak profile measurements on Ti-7Al during tensile deformation[END_REF] whereas ordering of oxygen atoms is also reported in pure titanium with high oxygen content [START_REF] Williams | The influence of oxygen concentration on the internal stress and dislocation arrangements in α titanium[END_REF]. Moreover, a combined effect of ordering of both aluminium and oxygen (as impurity content) is also observed in some alloys [START_REF] Lütjering | Titanium[END_REF][START_REF] Welsch | Deformation modes of the alpha-phase of Ti-6Al-4V as a function of oxygen concentration and aging temperature Metal[END_REF]. In  P nodules, the oxygen and aluminium concentration is thus sufficiently higher than in lamellar colonies in order to promote the formation of SRO.

In systems wherein SRO has been deeply investigated such as Ni-based superalloys, quantitative analyses have been carried out from the position of moving dislocations during in situ TEM straining experiments, allowing to evaluate the energies associated with SRO [START_REF] Pettinari-Sturmel | Characterisation of short-range order using dislocations[END_REF][START_REF] Saada | Pile-ups in thin foils: application to transmission electron microscopy analysis of short-range-order[END_REF][START_REF] Pettinari-Sturmel | The fluctuation of short-range order evidenced by mobile dislocations in the γ-phase of a nickel-based superalloy[END_REF]. A similar approach can be used for pairs of dislocations in Ti-6Al-4V like those in Fig. 2 and Fig. 4. All the forces exerted on each dislocation of a pair are summarized in the Fig. 10. Some of these forces are the same for both dislocations of the pair:

-the applied stress b a , where b is the Burgers vector and  a the applied stress;

-the friction stress b SS due to the solid solution friction of alloying elements (this force is assumed to be the same for each dislocation of the pair);

-the elastic interaction force A/X between both dislocations of the pair, where A is a constant depending on the character of the dislocation and X the spacing between both dislocations.

In addition, the glide of the first dislocation of the pair (labelled 1 in Fig. 10) destroys partially the SRO and creates behind a planar fault known as "diffuse antiphase boundary" (DAPB) [START_REF] Schwander | Configurational energy change caused by slip in short-range ordered Ni-Mo[END_REF]. An energy  1 is thus associated with this fault for the first dislocation. The glide of the second dislocation of the pair (labelled 2 in Fig. 10) destroys partially the remaining SRO and creates a new fault with the associated energy  2 .

The equilibrium of each dislocation can thus be given by the following equations:

( ) (1) 
( ) (2) 
The equations ( 1) and ( 2) corresponds to the first and the second dislocation respectively. It is assumed that dislocations are in quasi-static equilibrium and that they are straight and infinitely long, i.e. the elastic interactions between each segment of the same dislocation are neglected. As the structure of the head of a pile-up has been demonstrated to be not significantly affected by the free surfaces of the thin foil [START_REF] Saada | Pile-ups in thin foils: application to transmission electron microscopy analysis of short-range-order[END_REF], this aspect is also neglected in this paper in order to simplify the problem. These equations are valid for screw and edge segments with the condition to use the correct value of the constant A. The values of this constant are denoted A S for screw segments and A E for edge segments and are expressed as:

(3)

( )   (4) 
Where  is the shear modulus,  is the Poisson's ratio with a value of about 0,33 and b is the Burgers vector with a value of 0.292 nm. As a consequence, the ratio between the spacing of screw segments and edge ones can be calculated to be only a function of :

From the data of Table 1, the average experimental values of this ratio under stress are calculated to be 0.64 in the prismatic plane and 0.57 in the basal plane. These values are sligthly lower than the theoretical value due to the effect of the core structure of screw segments that is not taken in account in the model used. Indeed, the core structure of screw segments acts as an intrinsic anchoring that impedes their motion and in turn increases the spacing between both screw segments of the pair. However, the theoretical and experimental values are quite close that validates the simple model used to represent the dislocation pair.

For pile-ups in Ni-based alloys, it was previously calculated that during an in situ TEM straining experiment, the resolved applied stress in the slip plane  a is nearly equal to the friction stress  SS . Consequently, the difference ( a - SS ) is about zero or has a very low value that can be neglected [START_REF] Saada | Pile-ups in thin foils: application to transmission electron microscopy analysis of short-range-order[END_REF]. The DAPB energy of each dislocation of the pile-up can thus be calculated from the elastic interaction forces due to all dislocations of the pile-up [START_REF] Saada | Pile-ups in thin foils: application to transmission electron microscopy analysis of short-range-order[END_REF]. In the specific case when the pile-up is only constituted of a unique pair of dislocations (Fig. 2 and Fig. 4 for example), the relationship ( a - SS ) = 0 can not be established because, in pile-ups, this relationship is calculated from the last dislocation of the pile-up that is assumed to move freely in the slip plane. However, in some rare cases, a third dislocation is observed to glide freely in the same plane of a pair with a distance until several micrometers from the pair. In turn, the difference ( a - SS ) can also be assumed to be near zero when the pile-up is constituted of a sole pair of dislocations. The equations ( 1) and ( 2) lead thus to conclude that  1 is almost equal to the elastic interaction forces between both dislocations of the pair and that  2 is equal to zero or has a very low value in comparison with  1 . In other words, that means SRO does not change any longer after the glide of two dislocations. As the value of  2 is sufficiently low, no further dislocations are needed in the pile-up to allow the first pair of dislocations to glide: single pairs of dislocations can thus be observed instead of pile-ups of several dislocations. Using the value of the spacing of edge dislocations in Table 2 (that is the same for both prismatic and basal planes), the value of  1 can be calculated as 11.6 mJ.m -2 , which corresponds to a stress  1 /b equivalent to 40 MPa. As the core structure of dislocations has a strong influence on the dislocation screw segments, it may affect their position and thus the determination of the value of  1 for screw dislocation. Indeed, the high lattice friction stress due to this core structure is not taken in account in the model used. To avoid this core structure effect, the value of  1 obtained only from edge dislocations has thus to be considered as the accurate value.

In Ni-based alloys, the value of  1 was measured to be about 30 mJ.m -2 [START_REF] Pettinari-Sturmel | Characterisation of short-range order using dislocations[END_REF][START_REF] Saada | Pile-ups in thin foils: application to transmission electron microscopy analysis of short-range-order[END_REF], i.e. more than twice the value in nodules of the Ti-6Al-4V. That is most probably the reason why single pairs can be observed in the Ti-6Al-4V alloy whereas only pile-ups with one pair at their head are observed in Ni-based alloys. This indicates also a low degree of SRO, and may explain why SRO is present in nodules and not in lamellar phases: the difference in chemical composition is very slight and induces a weak SRO.

Conclusion

As a summary, the presence of SRO in  P nodules of a Ti-6Al-4V alloy is evidenced by the formation of pile-ups or pairs of dislocations during in situ TEM straining experiments. It has been quantitatively evaluated to be weak and has been distinguished from  2 nanoprecipitates.

SRO is not present in lamellar colonies due to a probable partitioning of alloying elements that enriches the nodules in  stabilizing elements. These elements, aluminium and oxygen, promote the formation of SRO.

Dislocations are observed to be preferentially elongated along their screw direction as in lamellar colonies because their mobility is mainly controlled by their core structure, even with SRO. However, SRO affects significantly the behaviour of dislocations by:

-inhibiting the cross-slip;

-promoting the formation of pile-ups or pairs of dislocations (depending on the type of dislocation source operating in the nodule);

-reducing strongly the velocity of edge segments of paired dislocations.

From the measurement of the spacing between paired dislocations, the diffuse antiphase boundary (DAPB) energy  1 is evaluated to 11.6 mJ.m -2 . This DAPB energy is due to the fault created when a single dislocation glide in the short-range ordered lattice. The resistance caused by this fault is high enough to inhibit the motion of single dislocations: in turn, at least Table 1. Average spacing between paired dislocations, for screw and edge segments respectively, in prismatic and basal planes during in situ straining (with stress) and post mortem observations (without stress); the standard deviation is also indicated for each measurement.

During 

Fig. 1 .

 1 Fig. 1. Low magnification TEM micrograph of the duplex microstructure consisting of primary alpha nodules  P and lamellar colonies  S /.

Fig. 2 .

 2 Fig. 2. Paired dislocations gliding in prismatic planes during in situ straining; a slip trace at the surface of the specimen is indicated by (tr P).

Fig. 3 .Fig. 4 .Fig. 5 .

 345 Fig. 3. Same grain as in Fig. 2 observed after in situ straining experiments when the stress is

Fig. 6 .

 6 Fig. 6. Planar prismatic slip during in situ straining with a dislocation source composed of a mobile dislocation segment rotating around an anchoring point (straight arrow); the circular arrow indicates the next displacement of the mobile dislocation.

Fig. 7 .

 7 Fig. 7. The two first dislocations of the pile-up of the Fig. 6 are paired.

Fig. 8 .

 8 Fig.8. Cross-slip from prismatic to first-order pyramidal plane; the trace of the initial prismatic slip plane is indicated by a dashed line and labelled "trace P"; the trace of the firstorder pyramidal plane is labelled "trace 1".

Fig. 9 .Fig. 10 .

 910 Fig. 9. Microstructure of macroscopically deformed specimens showing paired dislocations (a) and planar slip (b) in prismatic planes.

Fig. 1 .

 1 Fig. 1. Low magnification TEM micrograph of the duplex microstructure consisting of primary alpha nodules  P and lamellar colonies  S /.

Fig. 2 .

 2 Fig. 2. Paired dislocations gliding in prismatic planes during in situ straining; a slip trace at the surface of the specimen is indicated by (tr P).

Fig. 3 .Fig. 4 .Fig. 5 .Fig. 6 .

 3456 Fig. 3. Same grain than in Fig. 2 observed after in situ straining experiments when the stress is removed.

Fig. 7 .

 7 Fig. 7. The two first dislocations of the pile-up of the Fig. 6 are paired.

Fig. 8 .

 8 Fig.8. Cross-slip from prismatic to first-order pyramidal plane; the trace of the initial prismatic slip plane is indicated by a dashed line and labelled "trace P"; the trace of the firstorder pyramidal plane is labelled "trace 1".

Fig. 9 .

 9 Fig. 9. Microstructure of macroscopically deformed specimens showing paired dislocations (a) and planar slip (b) in prismatic planes.

Fig. 10 .

 10 Fig. 10. Schematic representation of the forces exerted on both dislocations of a pair under an applied stress (the dislocations move from left to right).

Table 2 .

 2 in situ straining Post mortem observations Average velocities of paired dislocations and ratio between edge and screw segment velocities in both prismatic and basal planes.

		Average spacing	Standard deviation	Average spacing	Standard deviation
		(nm)	(nm)	(nm)	(nm)
	screw	45	21	45	15
	Prismatic plane				
	edge	70	24	60	12
	screw	40	15	40	18
	Basal plane				
	edge	70	19	60	23
		Edge velocity (nm.s -1 )	Screw velocity (nm.s-1)	Ratio	
	Prismatic plane	5.5	2.4	2.3	
	Basal plane	2.3	1.0	2.3	

two dislocations, moving in a correlated way, are needed to overcome the resistance of this fault. SRO is thus identified to be an additional cause of the strength of Ti-6Al-4V alloys.